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The effect of systematic modifications in the chemistry of the phase-boundary film on the
macroscopic mechanical properties of Si3N4-matrix composites was investigated. Model
composite materials, containing SiC or WC platelets, were prepared and only the bulk
anion composition of the glassy-SiO2 intergranular phase was varied by adding increasing
amounts of fluorine to the material. Detailed material characterizations by high-resolution
electron microscopy (HREM) and Raman spectroscopy on both undoped and F-doped
composites allowed to derive a structural model of the phase-boundary film as well as to
evaluate the average microscopic stresses acting on it. In addition, high-temperature
internal friction measurements provided an estimate of the grain-boundary relaxation
temperature as a function of the F content. Noticeable variations of both elastic modulus
and fracture energy of the composite were detected upon F addition, which were related to
a spontaneous process of phase-boundary microcracking upon cooling. A threshold of the
F-content was found for microcrack formation and its existence is theoretically explained
according to a percolation process of non-bridged SiO4-tetrahedra, which arises from the
incorporation of F into the intergranular film network. C© 1999 Kluwer Academic Publishers

1. Introduction
Only few systematic studies were yet reported in lit-
erature, which relate the intrinsic fracture energy of
grain- and phase-boundaries to the macroscopic me-
chanical properties of ceramic composites. One main
reason for the lack of such basic data undoubtedly re-
sides in the scarce availability of simple (i.e., model)
composite systems. As a matter of fact, the majority
of fracture mechanics studies on toughened ceramics
were performed on materials of rather complex com-
position, designed for other purposes or very specific
applications. A typical example may be that of Si3N4
ceramics and related composites. Because of its inher-
ently slow diffusion rate and liability to decomposition
at high temperatures, the Si3N4 is commonly (and often
empirically) added with several metal oxide phases to
achieve full densification. Hence, the complexity of the
system is increased since a variety of chemical and

physico/chemical parameters become additionally in-
volved in the micromechanical behavior of the material
which make difficult the prediction of any toughen-
ing effect. Early phenomenological studies on the topic
[1, 2] suggested that geometrical parameters, such as
grain diameter and aspect ratio, can mainly be responsi-
ble for toughening effect. However, it was successively
noticed that Si3N4-based materials, with the same geo-
metrical characteristics, may show noticeably different
values of fracture toughness [3]. This means that the
effect of grain size and morphology is necessarily vin-
culated by, at least, one further important parameter:
the grain-boundary bond strength. Although the effect
of the inter-granular phase on the fracture toughness of
Si3N4 ceramics is yet to be fully understood, it is worth
citing a recent systematic study by Peterson and Tien
[4], in which emphasis was placed on the dependence
of toughness on residual microstresses arising from the
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thermal expansion mismatch between Si3N4 grains and
different grain-boundary phases. The overall fracture
resistance of the Si3N4 material increased as the inher-
ent thermal expansion coefficient of the grain-boundary
phase increased. In other words, the presence of a ten-
sile residual stress of increasing magnitude at the grain
boundary (e.g., caused by a higher thermal expansion
coefficient of the grain-boundary phase as compared to
the matrix grains) enhances the crack debonding pro-
cess and allows toughening mechanisms to become op-
erative.

In addition to the study reported by Peterson and Tien
[4], we investigate here the effect of grain-boundary
structure, which is strongly affected by its local chem-
istry, on the fracture behavior of two Si3N4-matrix SiC-
and WC-platelet-reinforced composites. In the present
model materials, with fixed morphological parameters,
the bond strength of the glassy phase, present at grain
and phase-boundaries, was systematically varied by
doping with increasing amounts of fluorine impurity.

One basic observation behind the present investiga-
tion was that it is not easy to explain whether micro-
scopic interface debonding occurs or not by simply in-
voking a change in theinherentfracture energy of the
grain-boundary phase. This is because the intrinsic frac-
ture energy of glassy materials hardly varies drastically
according to small chemical changes.∗ Hence, there
should be some basic effect of micromechanical na-
ture which “amplifies” the influence of grain boundary
chemistry and, by affecting the microfracture behavior
of the composite, dominates the overall material tough-
ness. Certainly, one kind of such an “amplification” fac-
tor can be the mismatch in thermal expansion between
the Si3N4 matrix grains and the glassy film, as indicated
by Peterson and Tien [4]. However, the present results
on model materials provide evidence that other grain-
boundary chemistry-related parameters, such as grain-
boundary relaxation temperature and modified network
geometry of the glass structure, also play an impor-
tant role on the macroscopic fracture behavior of the
material.

2. Basic experimental approach and tools
It is known that SiO2, as an impurity, is generally
present in Si3N4 ceramics due to surface oxidation dur-
ing exposure to atmosphere. Pure SiO2 in the glassy sta-
tus exists at grain and phase-boundaries of Si3N4-based
materials, when they are densified without external ad-
dition of sintering aids [5, 6]. This is also the case of the
Si3N4-matrix composites investigated in this study. The
SiO2-glass phase is found to typically circumvent the
grains as a continuous film with a thickness of 1.0 nm
[7]. A mole fraction of nitrogen (typically≈6 at %)
may also be found in the SiO2 glass [7, 8], as a con-
sequence of the solution-precipitation process which
occurs during liquid-phase sintering of Si3N4. How-
ever, it has previously been shown [8] that such a small

∗ The basic assumption that the inherent fracture energy of the SiO2

boundary is not markedly changed by fluorine addition has originally
been suggested by Dr. S. Wiederhorn who we gratefully acknowledge.

amount of nitrogen, which may also represent the solu-
bility limit of N in pure SiO2 [9], involves only limited
modifications of both the SiO2-network structure and
the bulk properties of the present materials. Hence, the
influence of N atoms in the glassy-SiO2 film will not be
considered in the present study. Additions of F-dopant
remain entirely segregated at the grain-boundary, as re-
cently shown by the authors [10–12], since F atoms
have no appreciable solubility in theβ-Si3N4 lattice.
In this study, some evidence of F segregation at the
phase-boundaries of Si3N4-matrix composites will be
provided and its amount estimated by spectroscopy mi-
croanalysis.

The addition of F to the composite generally involves
only a small increase in grain-boundary film thickness
(i.e.,1h≈ 0.1 nm), as compared to the pure material,
while modifications of both grain size and morphol-
ogy cannot generally be detected [10–12]. Image anal-
ysis data, collected on large sectional areas [13] of the
present composites, have shown that, owing to the iso-
static processing procedure adopted in this study (i.e.,
cold isostatic pressing (CIP) followed by HIPing), the
platelet dispersoids remain randomly distributed within
the sintered body. Furthermore, the average platelet di-
mensions were found to be not significantly altered by
the HIP process, as compared to the starting powders.

Since the undoped samples showed a rather strong
interface bond strength [14, 15], a negligible effect
of thermal expansion mismatch between the SiO2 and
Si3N4 phases is assumed in the present composites. In
addition, marked variations in both thermal expansion
andinherentfracture energy of the SiO2 glass upon F
addition can be reasonably excluded. Hence, basically,
in our experimental approach, only the structure and
local chemistry of the glassy-SiO2 phase was varied.

Microscopic and mechanical analyses are described
to adequately characterize the microstructure and to
relate it to the fracture behavior of the present com-
posites. In addition, further insight in the fracture be-
havior of the composites is provided by both Raman
spectroscopy and internal friction analyses. The pos-
sibility to directly determine residual microstresses
in Si3N4-based materials by Raman spectroscopy has
recently been demonstrated by the present authors
[16, 17]. Here, we apply the Raman technique in order
to estimate the phase-boundary bond strength. Further-
more, one important parameter needed for the theoret-
ical assessment of residual microstresses is the grain-
boundary relaxation temperature,1T . This parameter
was also directly measured by monitoring the shift of
the grain-boundary relaxation peak of internal friction
as a function of the F content in the present composites.
These experiments were performed with a newly devel-
oped torsional pendulum apparatus which allows both
internal friction and elastic modulus measurements up
to very high temperature [18–20].

3. Experimental procedures
3.1. Model materials
The starting Si3N4 powder used for preparing the pre-
sent model materials was a high-purity, commercially
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available powder (E-10, Ube Ind. Ltd., Ube, Japan),
whose total amounts of cation impurities and oxygen
were<0.01 wt % and 1.3 wt %, respectively. Two kinds
of platelet-shaped ceramic reinforcements, with the
same average size of 25µm, were added to the Si3N4
matrix with a constant volume fraction of 25%: (I)
α-SiC (C-Axis, Jonquiere, Canada), and (II) WC
(Nihon Shin Kinzoku, Osaka, Japan). The aspect ratios
ranged between 5 and 8 for both the platelet phases. In
comparison with these undoped materials, three speci-
mens (per each composite system) with identical phase
assemblage but doped with different amounts of F were
also prepared. The F-dopant was introduced into the
composites by adding an increasing amount of pulver-
ized polytetrafluoroethylene (Teflon, E.I. du Pont de
Nemours, Wilmington, DE) during the mixing proce-
dure of the powders. Powder blends were then pre-fired
in high vacuum at 1200◦C, in order to depolimerize
Teflon to tetrafluoroethylene C2F4 and, successively, to
eliminate the forming CO gas. Teflon was chosen as the
starting compound to introduce F into the material since
it does not involve the contemporary incorporation of
H into the specimen and, hence, allows an easier mod-
elling of the grain-boundary SiO2 structure at which
only F remains segregated. It should be noted that it
was difficult to introduce F-amounts larger than about
0.2 wt % by the present procedure.

Mixing of the raw powders was performed in ethanol
with a rotary evaporator immersed in an ultrasonic
bath to promote an intimate dispersion of the con-
stituent phases. Powder compacts were prepared by
cold-isostatic-pressing (CIP) at 200 MPa, coated by
BN powder, subsequently prefiredin vacuo(10−5 Pa)
at 1200◦C, and finally encapsulated into an evacuated
tube of borosilicate glass. The HIP cycles were car-
ried out for 1 hour at 2050◦C. An isostatic pressure
of 180 MPa was externally applied via Ar gas. The
above conditions for HIP sintering allowed to obtain
fully dense samples (density> 99.5%). The F content
in the sintered body was measured by ion-selective elec-
trode (ISE) method after dissolving the specimens in
NaOH.

For assessing the inherent fracture properties of
the intergranular glass upon F addition, undoped and
F-doped bulk glass specimens were also prepared.
High-purity SiO2 powder (Hokko Chemical Co.,
Ltd., Osaka, Japan) was first mixed with appropriate
amounts of Teflon (leading to the same nominal glass
composition of the intergranular phase of the compos-
ites) and then HIPed at 1800◦C, under 130 MPa, in Ar
atmosphere, in order to obtain dense bodies.

3.2. Fracture mechanics and internal
friction measurements

Fracture mechanics characterization of the composites
was performed on chevron-notched specimens loaded
in three-point bending geometry with a cross-head
speed of 0.01 mm/min. The span width was 45 mm. The
parameter selected for representing composite tough-
ness was the work of fracture (WOF). It was deter-

mined from the area subtended by the stable load-
displacement curve after dividing by twice the ligament
fractured area. This latter area was measured bypost
mortemfractography. Further details on the fracture
mechanics characterization have been reported else-
where [21]. The fracture toughness (KIc) of the bulk
SiO2 glass, as a function of the F-content, was mea-
sured by the single-edge pre-cracked beam method in
bending geometry [22].

The grain-boundary relaxation temperature,1T , as
a function of the amount of F in the glassy-SiO2
grain-boundary phase, was determined from the anelas-
tic grain-boundary peak of internal friction of the
Si3N4/SiC composites. The apparatus used for mea-
suring simultaneously the internal friction,Q−1, and
the shear modulus,G, was of the torsion pendulum
type, similar to that used by Kˆe [23]. The specimen
dimensions were 2× 3× 50 mm. The apparatus was
enclosed in a vacuum-tight system where a controlled
argon atmosphere could be mantained throughout the
experiments. A carbon heater, surrounding the speci-
men, was employed to raise the testing temperature.
The absolute strain amplitude was calibrated prior to
testing by a strain gauge attached to the sample sur-
face. It corresponded to an outer-fiber maximum stress
of 10 MPa. Measurements were performed at the fre-
quency of 10 Hz according to the free decay method
[24]. Calibration by the strain-gauge method at room-
temperature revealed a confidence of±1 GPa in the
measurement ofG values.

3.3. Microscopy and spectroscopy
experiments

The grain- and phase-boundaries of the composites
were characterized by HREM experiments using a
400-kV transmission electron microscope (Model
4000EX, JEOL, Tokyo, Japan) with a point resolution
of 0.18 nm when operated at 400 kV. TEM foils were
prepared by the successive procedures of grinding,
dimpling, and argon-ion-beam thinning of the sintered
bodies, followed by light carbon coating to avoid
charging during HREM observations. The technique
adopted to quantitatively measure the grain boundary
thickness has been previously described [25].

The actual presence of F in the glassy-SiO2 inter-
granular phase was determined by electron energy-loss
spectroscopy (EELS) with the spectrometer (Gatan,
Model 666, Warrendale, PA) attached to a Philips
CM20FEG scanning/transmission electron micro-
scope, operating at 200 kV using a probe size of about
1–2 nm.

In this study, Raman spectroscopy was adopted for
measuring internal residual microstresses in the den-
sified specimens. Frequency shifts of Raman bands
were monitored and analyzed to determine the average
hydrostatic stress in both the SiC-platelet and Si3N4-
matrix phases. An argon ion laser operating at a wave-
length of 488 nm with a power of 300 mW was used as
the excitation source; an optical microscope was em-
ployed to focus the laser on the sample and to collect
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the scattered frequencies, which were then analyzed
using an attached spectrometer (T 64000 Jovin-Yvon,
ISA). The scattered light was analyzed with a triple
monochromator equipped with a charge-coupled de-
vice (CCD) camera. The dimension of the laser spot
on the samples was 100µm. A neon discharge lamp
was used for an external frequency calibration. A stan-
dard temperature calibration procedure was also fol-
lowed in order to correct the error which may arise from
slight variations of the room-temperature. Further de-
tails about the Raman spectroscopy measurements are
given elsewhere [16]. The collected data were analyzed
with curve-fitting algorithms included in the Spectra-
Calc software package (Galactic Industries Corp.). The
piezo-spectroscopic coefficients relating the shift of the
Raman bands (794.1 and 970.8 cm−1) to the uniax-
ial stress field inα-SiC were found in the literature
[26–28]. The piezo-spectroscopic coefficients of the
high-frequency shift bands ofβ-Si3N4 (namely the
862, 925 and 936 cm−1 Raman bands) were recently
determined by the present authors [16]. Data on the
shift of the 862 cm−1 Raman band, which is also the
Raman band with the highest piezo-spectroscopic co-
efficient for β-Si3N4 crystals [16], were mainly em-
ployed for calculating the residual stress in the matrix
material.

4. Results
Electron microscopy inspections on the sintered bodies
showed that the F addition did not alter significantly the
microstructure of the matrix materials, the morphology
of the matrix grains being typically equiaxed and the
average grain-size approximatively 1µm. A character-
istic low-magnification TEM micrograph and a HREM
image of the Si3N4/SiC phase-boundary in the com-
posite doped with≈0.1 wt % F are shown in Fig. 1A
and B, respectively. HREM images of the Si3N4/Si3N4
grain-boundary structure have previously been shown
[10–12]. Typical features of the composite microstruc-
ture are envisaged in micron-sized Si3N4 grains
surrounding large SiC platelets. High-magnification
inspection of phase boundaries reveals an amorphous
interphase with a thickness of about 4–5 nm. The inset
of Fig. 1B shows the result of EELS analysis which con-
firms the actual presence of F at this phase-boundary. F
is a known modifier of the SiO2-glass network, forming
non-bridging Si-F bonds in the glass structure. Accord-
ing to the measured thickness of the phase boundary de-
picted in Fig. 1B, the SiO2 structure should basically be
constituted of few tens SiO4 tetrahedra. F and O atoms,
the latter being replaced by the former in the present ex-
periments, have almost identical ionic radii (0.140 nm
against 0.133 nm) but different ionic valency. To gain
charge neutrality, one O2− ion must be replaced by two
F− ions, which leads to a small widening of the inter-
layer [10–12]. It is important for the purpose of this
paper to notice that the presence of F-ions in the SiO2
network will necessarily lead to non-bonded SiO4 tetra-
hedra (cf. inset in Fig. 1B), which are thought to play a
fundamental role in the microfracture process of these
composites. This point will be discussed in a follow-

ing section. Similar EELS spectra were recorded from
grain boundaries, phase boundaries as well as triple-
grain junctions. Hence, it was assumed that, at first ap-
proximation, a homogeneous SiO2-glass composition
is present within these F-doped composites. The pro-
posed structure of the glassy phase for which, apart
from the thickness of the intergranular film, almost no
informations were available from the HREM images,
is given in the inset of Fig. 1B.

One main consequence of the incorporation of F
atoms in the grain and phase boundaries of the ma-
terials is the lowered viscosity of the SiO2 glass. This
point has been discussed previously [10]. In this pa-
per, we will deal with the influence that such a low-
ered viscosity may have on the residual microstresses
stored in the composites upon cooling down from the
HIPing temperature. Fig. 2A shows the grain-boundary
relaxation peaks, as found in the present Si3N4/SiC ma-
terials, as a function of the F content. The F addition
is found to lower the peak-top temperature (Fig. 2B)
and, concurrently, to broaden the peak shape. Since the
peaks were detected with testing the internal friction of
the composites at a constant frequency of≈10 Hz, the
viscosity of the grain and phase-boundary SiO2 glass
experiences value of≈107–108 Pa· s [10], at the peak-
top temperature shown in Fig. 2B. In this study, we have
assumed such a viscosity value as the lowest limit for
which considerable sliding is allowed and the stresses at
the interfaces can be relaxed. Hence, the elastic stress-
free temperature (on cooling),1T , was taken to be
approximately the same as the peak-top temperature,
TR. This practice clearly represents an approximation
since the external application of local stresses on the
grain boundaries during the internal friction measure-
ments occurs at a finite strain rate (depending upon the
measurement frequency), while the external stress ap-
plied during cooling down from HIPing temperature
is constant. From this point of view, the elastic stress-
free temperatures,1T , as determined in this study, may
only represent the upper limits of their actual values.
However, the present approach for selecting the1T val-
ues provides a rationale for taking the dependence of
1T on theF content into account. Furthermore, as we
shall show afterwards, such an approximation leads to
physically reasonable results with respect to the present
composites. This may also be due to the low frequency
(i.e., low strain rate) at which the internal friction was
measured.

The dependence of toughness, WOF, and shear
modulus,G, of the composites on the amount of F
dopant,xF, is shown in Figs 3 and 4, respectively. The
toughness trends (Fig. 3), similar for both SiC- and
WC-reinforced composites, can be fitted by a single
curve, which shows a pronounced maximum at around
0.1 wt % F content. In other words, it is found that a
large addition of F leads to a pronounced decrease in
WOF. The shape of the toughness curve is very sim-
ilar to those reported by Fu and Evans [29] for sev-
eral polycrystalline ceramics, which undergo extensive
grain-boundary microcracking processes. It is conceiv-
able to suspect that microcrack formation occurs also
in the present composites since the thermal expansion
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Figure 1 (A) Characteristic low-magnification TEM image of the Si3N4/SiC-platelet composite containing 0.104 wt % F. A nearly flat edge of a large
SiC platelet is surrounded by the fine grained Si3N4 matrix. Note that the microstructure of the F-doped samples was undistinguishable from that of
the undoped sample on the scale of this micrograph. EELS analysis, shown in the inset, reveales the presence of a minor fraction of F, together to N
and O, at the phase boundary (carbon, with an energy-loss of 284 eV is not shown). (B) HREM micrograph of a Si3N4/SiC-platelet phase boundary.
A continuous amorphous SiO2-film is present along the interface, with a thickness of≈4–5 nm. Note that the phase boundaries are typically wider
compared with the Si3N4/Si3N4 grain boundaries [10-12]. The inset shows a guessed model of the phase-boundary structure in presence of F-dopant.
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Figure 2 (A) Temperature shift of the internal friction peak for the
Si3N4/SiC-platelet composite [10], as a function of the F content. For
clarity, the respective peak-top (relaxation) temperatures are replotted in
(B), as a function of the F content.

coefficient of the SiC- and WC-platelet dispersoids is
larger than that of the matrix grains. This point will
be clarified by TEM and Raman spectroscopy data, as
shown afterwards. The dependence of shear modulus on
F content (Fig. 4) may also confirm the microcracking
hypothesis, since a marked drop-down in the material
stiffness is noticed for large additions of F dopant.

Figure 3 Dependence of the macroscopic work of fracture, WOF, of the
Si3N4/SiC and Si3N4/WC composites on the F content.

Figure 4 Dependence of the shear modulus,G, of the Si3N4/SiC and
Si3N4/WC composites as a function of the F content.

In order to verify the actual formation of microc-
racks upon F addition, the Si3N4/SiC composite spec-
imens containing 0.03 and 0.16 wt % F were observed
by TEM. In the latter specimen, extensive presence
of microcracks was detected at the Si3N4/SiC phase-
boundaries (Fig. 5), while the matrix grain-boundaries
were hardly found to be fractured. Microcracks were
not detected in the low-doped composite.

The (average) residual microstresses acting on the
platelet dispersoids and the phase boundaries were mea-
sured by Raman spectroscopy. Fig. 6 shows the de-
pendence of such stresses on the F content. In the
Si3N4/SiC materials, the Raman technique allowed
to directly determine the stresses in both constituent
phases of the composites. Hence, the error involved
with the residual stress determination could be veri-
fied by applying the equation of internal equilibrium
to the composite microstructure (i.e., Equation 3 to be
shown in the following section). Error bars are thus
plotted for this material in Fig. 6. The stress in the WC
phase could not be directly determined since the stress
dependence of the Raman spectrum of this ceramic
phase is presently unknown. Hence, the data plotted in
Fig. 6 for the Si3N4/WC materials were indirectly cal-
culated from stress data measured in the Si3N4 matrix
through equilibrium equations, and the error involved
with these values could not be evaluated as done for the
Si3N4/SiC composite. As seen, significant tensile mi-
crostresses are found to be stored in the platelets which,
acting on the phase boundary, can promote opening of
microcracks. The residual stress values in both com-
posites appear to experience a non-linear decrease up
to≈15% of F content. Again, a marked drop-down is
noticed for large F-addition. This drop-down clearly re-
flects, as confirmed by TEM observation, the presence
of a conspicuous microcracking process in these mate-
rials. The microcracks, present only at the phase bound-
aries can locally release the stored tensile microstresses
and thus lower markedly the measured (average) resid-
ual stress value as compared to composites containing
lower amounts of F.

The above set of microscopy, spectroscopy, and me-
chanical data seems to suggest that there is a critical
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Figure 5 Low-magnification TEM micrograph of a phase-boundary spontaneously cracked after cooling, as observed in the Si3N4/SiC composite
doped with 0.104 wt % F. Some of the SiC platelets were found to be nearly completely circumvented by cracked boundaries. Such a microcracking
process could be envisaged only in the samples doped with larger amounts of F.

amount of F,x∗F, in the SiO2 phase (i.e., in the range
0.1–0.2 wt %), over which an extensive process of spon-
taneous (i.e., upon cooling from sintering temperature)
microcracking takes place within the polycrystal. This
hypothesis will be theoretically explored in the follow-
ing sections and the actual role of the boundary-phase
chemistry on the micromechanical processes affecting
the overall behavior of the composites discussed.

5. Discussion
5.1. Residual stresses acting on

a phase boundary
A theoretical estimation of the (average) residual
stresses, arising from cooling down to room tempera-
ture after HIPing, will be first attempted and compared
with the experimental results. A suitable start is to
locate the total average stress,〈σ i 〉, acting along the
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Figure 6 Experimental values of residual stress (from Raman spec-
troscopy measurements) as a function of the F content. The symbols
are the same as those of Fig. 3. The broken lines represent the theoretical
predictions of residual stress calculated as explained in Section 5.1 of
the text.

direction normal to a phase boundary as

〈σ i 〉 = 〈σ i 〉TS+ 〈σ i 〉BS (1)

where the stress components located by the subscripts
TS and BS are those arising from the mismatch in
thermal expansion coefficients of the neighboring
phases and the elastic back-stress associated with the
cooling process under high pressure, respectively.

Under the assumption that the spatial and angular
distributions of the dispersoid crystals in the matrix
are random, the average isotropic part of the residual
stress in the matrix,〈σ i 〉m, and the dispersoid phases,
〈σ i 〉d, can be expressed and related by a force balance
condition according to the following expressions [30]:

〈σ i 〉m= [3KmKd/Vfm(Km−Kd)]{Vfd− [Kd(Km−K ∗)/

K ∗(Km− Kd)]}(αm− αd)1T (2)

Vfm〈σ i 〉m+ Vfd〈σ i 〉d = 0 (3)

whereVf , K andα are the volume fraction, the bulk
modulus, and the average thermal expansion coeffi-
cient, respectively; the subscripts m and d locate the
parameters which refer to matrix and dispersoid, re-
spectively. The elastic stress-free temperature (upon
cooling), 1T , is assumed to equal the relaxation
temperature of the glassy-SiO2 phase-boundary (i.e.,
1T = TR) and, hence, is a function of the F content
(cf. Fig. 2). At first approximation, the precise temper-
ature dependence of the thermal expansion coefficients
was neglected and an average thermal mismatch value,
〈1α〉= (αm−αd)av, considered. The〈1α〉 value was
assumed as 0.85 and 0.50× 10−6 ◦C−1 for SiC and WC
dispersoids, respectively. The effective bulk modulus,
K ∗, is a function of the elastic constants of the con-
stituent phases, their respective volume fractions, and
topological arrangement. Provided that the microstruc-
tures of the present composite materials are statisti-

cally isotropic and, moreover, considering the relatively
low volume fraction of dispersoid added in the present
study, the effective bulk modulus can be expressed as
the upper Hashin limit,K+, given by the equation [30]:

K ∗ = K+ = VfmKm+ VfdKd−
[
VfmVfd(Km− Kd)2/

(VfmKd+ VfdKm+ 4Gm/3)
]

(4)

whereGm is the shear modulus of the matrix. The av-
erage residual stress acting on the phase boundary, as a
consequence of thermal expansion mismatch, was as-
sumed as〈σ i 〉TS=〈σ i 〉d, the latter term being com-
puted according to Equations 1–4.

An elastic back-stress component,〈σ i 〉BS, may arise
from the cooling process under high isostatic pressure.
The dispersoids, embedded into the matrix, are hydro-
statically compressed for an amount of strain equal to
p/Kd, wherep is the externally applied isostatic pres-
sure while sintering. Upon cooling, internal equilib-
rium is achieved between the stress components deriv-
ing from thermal expansion mismatch and those arising
from the externally applied pressure. Hence, the dis-
persoids, in elastically compressed status, are cooled
down below the relaxation temperature,TR=1T , of
the grain-boundary phase. It can be conceived that
the grain-boundary SiO2-phase acts as a “glue” be-
tween neighboring crystals. When the sintered com-
posite body is cooled down to room temperature, this
phase transforms from the liquid to the solid status, its
viscosity being lowered according to a known expo-
nential temperature dependence (i.e., Fig. 2B). Once
the grain-boundary phase is cooled down to a temper-
atureT < TR, local grain-boundary sliding cannot be
anymore allowed and local stress relaxation is thus in-
hibited. This means that the SiO2 grain-boundary phase
will “glue” the dispersoids into the matrix in their com-
pressively deformed status. An explanatory schematic
of this mechanism leading to elastic back-stress upon
HIPing process, is shown in Fig. 7. Thus, when the ex-
ternal pressure is released, the elastic back-stress will
result as:

〈σ i 〉BS = (Km/Kd)p (5)

This stress component will act on the phase boundaries
in compressive fashion. The expression of elastic back-
stress, as given by Equation 5, neglects any anisotropy
of the elastic constants of the dispersoids as well as their
plastic deformation below the relaxation temperature
of the grain-boundary phase. This latter approximation
was thought to be plausible for highly refractory phases
such as SiC and WC. Note that, under the present
assumption of negligible change in compressibility of
solid SiO2 upon F addition,〈σ i 〉BS is independent of the
F content. Broken lines in Fig. 6 show the total residual
stress,〈σ i 〉, which acts on a phase boundary as theoret-
ically calculated from Equations 1–5. The dependence
on the F content arises from the change in (elastic)
stress-free temperature (on cooling),1T , namely the
temperature at which the glassy-SiO2 phase-boundary
relaxes (cf. Fig. 2B). A reasonable agreement seems
to be achieved with the experimentally determined
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Figure 7 Explanatory draft of the residual (elastic) back-stress caused by cooling under high pressure,p, a composite whose constituent phases own
a mismatch in elastic properties. The black film circumventing the inclusion in the draft represents the boundary phase which, for simplicity’s sake,
is assumed to be incompressible in the present analysis.

stress data for low amounts of F dopant. More impor-
tantly, the theoretical curves seem to correctly predict
the strongly non-linear dependence of the residual mi-
crostresses on the F content. On the other hand, residual
(tensile) stress values much higher than those actually
found by spectroscopic experiments are predicted for
large F amounts. According to TEM observation
(Fig. 5), such a discrepancy between experimental
and theoretical values can be attributed to microcrack
formation, which locally releases the microstresses
acting on the phase-boundaries. The possibility that
a threshold value exists for the fraction of F in the
glassy-SiO2, above which microcracks can be formed,
is theoretically explored hereafter.

5.2. Critical F content for phase-boundary
microcrack formation

To assess the critical content ofF , x∗F, for which sponta-
neous microcracking can occur in the composite body,
an analysis based on both fracture mechanics principles
and concepts of glass-network theory is followed. First,
the fracture mechanics problem of an isolated slit-like
crack placed (at random orientation) within the glassy-
SiO2 film between matrix and platelet is addressed.
Then, the actual structure of the SiO2-glass network,
as modified by the F dopant, is taken into considera-
tion. According to the glass-network theory [9, 31], a
law relating the size of anequivalentcrack (or flaw) in
the SiO2 structure to the amount of F incorporated into
the glass network is given. These analytical procedures
will allow us to discuss the micromechanical implica-
tions for the existence of a critical F-content,x∗F, in the
composites.

The critical stress intensity factor for microcrack for-
mation in a regular array of hexagonal grains is gener-
ally assessed by considering the stress amplification
at triple-grain junctions [29, 32]. However, the present
microstructural arrangement appears to be quite differ-
ent from the aforesaid regular array of grains, since the
dispersoid platelet-phase typically displays an average
dimension more than one order of magnitude larger as
compared with the matrix grains (cf. Fig. 1A). Further-
more, no significant residual microstresses are thought

to operate between adjacent matrix grains, since the
correspondent mismatch in thermal expansion is zero.
Instead, flat edges are envisaged, which are loaded in
tension as a consequence of the lower thermal expan-
sion coefficient of the matrix material compared to that
of the platelets. Hence, the surrounding matrix is as-
sumed to be a continuous medium and the stress accu-
mulation at the triple-grains junctions is neglected. As-
suming plane strain conditions, a SiO2 phase-boundary
of thickness, 2h, and elastic constantsEg andνg, is con-
sidered to be perfectly bonded between two half-planes
loaded with a normal traction,〈σ 〉. A schematic of the
fracture mechanics problem is depicted in Fig. 8. A

Figure 8 Explanatory draft of the fracture mechanics problem consider-
ing an arbitrarily oriented crack of size, 2a, embedded into the boundary
of two adjacent grains subjected to traction,〈σ 〉.
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TABLE I Elastic constants of the investigated ceramic phases

Young’s Shear Poisson’s Bulk
Materials modulus modulus ratio modulus

SiO2 72 GPa — 0.21 —
WC 440 — 0.26 306
Si3N4 310 120 0.23 193
SiC 430 — 0.26 333

small crack of length, 2a, is placed at a random angle,
φ, within the phase-boundary. For simplication, both
Young’s moduli and Poisson’s ratios were taken to be
the same for the two half-planes and equal to the arith-
metic averages,Eav andνav, respectively, of those of the
matrix and the platelet phases (Table I). The bulk elastic
properties of the boundary phase were taken as those
of pure SiO2 glass [33] and were considered to be not
affected by the F content. Since the lack of symmetry
of the arbitrarily oriented crack problem, the analyti-
cal solution for any arbitrary orientation angle,φ, of
the crack respect to the boundaries, is very complex
[34]. In this paper, the fracture mechanics problem is
bound between two extreme cases: (I) a crack paral-
lel to the bond lines (φ= 0◦) and, (II) a crack normal
to them (φ= 90◦). It has been shown that the results
for intergranular cracks at intermediate angles can be
considered to lie between the results for these two lim-
iting cases [35]. We will discuss afterwards that such
an approximation does not alter the final results of the
theoretical assessment.

Following Hilton and Sih [34, 35], the stress intensity
factor, KI , for the crack configuration depicted in Fig.
8 can be set in the usual Griffith’s fashion as:

KI = Y(φ,a/h, Eav, Eg, νav, νg)〈σ 〉(2a)1/2 (6)

where the coefficientY is function of the crack inclina-
tion angleφ, the ratio of the crack length to the phase-
boundary thickness,a/h, and the elastic constants of
both the intergranular SiO2 phase and the surrounding
crystals. The functionY is then determined for the par-
ticular casesφ= 0◦ and 90◦. For brevity’s sake, only
the equations pertinent to the case of a crack parallel to
the phase boundary (i.e.,φ= 0◦) are explicitly shown
hereafter, the coefficientY for the caseφ= 90◦ being
derived with a similar procedure [34]. The coefficient
Y is, by definition:

Y = lim
t→1

[
t1/2−

∫ 1

0
k(t, s)8(s) ds

]
(7)

where

k(t, s) = (ts)1/2
∫ ∞

0
ξ [ f (ξ )− 1]J0(ξ t)J0(ξs) dξ (8)

8(τ ) = (2/π )
∫ x

0
[ p/(τ 2− x2)] dx −

∫ a

0
ρ8(ρ)

×
∫ ∞

0
ξ [ f (ξ )− 1]J0(ξ t)J0(ξs) dξ dρ (9)

in which t, s, and ρ are auxiliary variables of the

abscissax, whose origin is placed at the center of
the intergranular crack,ξ =as, andτ =at. k(t, s) is
the symmetric kernel, whileJ0 is the Bessel function
of the first kind of order zero.8(ξ ) is a function of the
elastic constants (of both SiO2 film and adjacent grains)
and of the SiO2-film thickness, given as [35]:

8(ξ )={a+ [β(ξh)2+γ ] exp(−2ξh)+δ exp(−4ξh)}/
{a− β(ξh) exp(−2ξh)− δ exp(−4ξh)} (10)

with

α = (1/2E2
g

)
[3− 4νg+ (3− 4νm)(Eg/Em)2

+ 2(5− 6νg− 6νm+ 8νgνm)(Eg/Em)] (11)

β = (2/E2
g

)
[1− (3− 4νm)(Eg/Em)2

+ 2(1− 2νm)(Eg/Em)] (12)

γ = (1/E2
g

)[(
5− 12νg+ 8ν2

g

)− (3− 4νm)(Eg/Em)2

− 2(1− 2νg− 2νm+ 4νgνm)(Eg/Em)
]

(13)

δ = (1/2E2
g

)
[3− 4νg+ (3− 4νm)(Eg/Em)2

− 2(3− 2νg− 2νm)(Eg/Em)] (14)

The above system of integral equations has been nu-
merically solved. Fig. 9 shows a plot of the coefficient
Y as a function of the ratioa/h, which was calculated
from Equations 6–14 (and the correspondent equations
for φ= 90◦ [34]) by introducing the appropriate elastic
constants and phase-boundary thickness for the present
materials (cf. Table I). Between the two curves, which
refer to the inclination anglesφ= 0◦ andφ= 90◦ and
bind theY values for any possible inclination angle,
the most severe situation is proved to be that of a crack
placed parallel to the phase-boundary (i.e.,φ= 0◦). The
broken linesY= 1 andY= Eg(1− νm)/Em(1− νg),
also shown in Fig. 9 for comparison, represent the lim-
iting cases ofh/a approaching infinity and zero val-
ues, respectively, for a crack parallel to the interface
[35]. From a physical point of view, the case ofh/a
approaching infinity corresponds to an homogeneous

Figure 9 Geometrical factor,Y, for the crack configuration shown in
Fig. 8. Values for two limiting conditions,φ= 0◦ and φ= 90◦, are
shown. All theY values are bound between the cases of a Griffith’s crack
(h/a→∞), and imperfect bonding of a very thin boundary (h/a→ 0).
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glass sheet which contains a crack of size, 2a (i.e., the
classic Griffith’s problem). On the other hand, the case
h/a→ 0 represents two adjacent grains bonded imper-
fectly along a straight boundary of very small but finite
thickness. The calculations shown in Fig. 9 provide the
basis to assess whether or not spontaneous microcrack-
ing occurs in the composites upon F addition. Since the
caseφ= 0◦ is proved to be the most severe (i.e., lead-
ing to higher local stress intensity factor,KI ), only this
interfacial crack configuration will be discussed here-
after.

Let us now envisage the phase-boundaries as being
filled and strongly bonded with a network-structured
medium, namely the pure SiO2 glass, whose atomistic
structure is modified by the presence of F (cf. Fig. 1).
The presence of each two F anions will involve one
Si-O broken bond in the network. It can be thought
that anequivalentunitary crack of sizea0≈ 0.53 nm
(i.e., equal to the average size of a single SiO2-glass
cluster) is associated to each Si-O broken bond. Note
that the size of a unitary cracka0 is not negligible as
compared to the phase-boundary width (i.e.,h/a0≈ 8).
With increasing the F amount,xF, the non-bonded
sites within the SiO2 network will increase until they
typically reach a percolation threshold,x∗F. In other
words, adding a fraction of F-dopant to the composite
can be thought to correspond to a “mechanistic”
process of randomly cutting a certain fraction of bonds
in the network which “glues” two neighboring crystals
and, thus, to create a number of interfacial cracks. For
xF= x∗F, the degree of coherence of the network [33]
is annihilated and the phase boundary results basically
unbonded on the atomic scale. Invoking basic princi-
ples of glass-network theory [9, 33], it can be shown
that the F-amount for which each glass cluster owns
one non-bonded site and, hence, the glass network in
the intergranular film results to be fully percolated,
should be at aroundx∗F≈ 15 at % F-content in the
glassy-SiO2 film (i.e.,≈0.30 wt % F in thecomposite).
In other words,x∗F represents the threshold value of F
content for which an infinitely long (percolated) chain
of broken bonds can exist in the glass network. The
(statistical) average size of anequivalentinter-granular
crack, 2ae, can then be set as [36]:

2ae = A/[(x∗F − xF)/2]t (15)

where the F amountsx∗F andxF are in at % in SiO2, the
multiplying factor 1/2 arising from the need of two F
ions per each Si-O broken bond. The exponentt , inde-
pendent of the structural details of the network, is found
to experience the value 1.35 for a two-dimensional glass
network† [37], while a value 0.160 can be found for
the constantA with imposing the condition 2ae=a0
for xF= 0. Theequivalentcrack size, 2ae, as a func-
tion of the F concentration,xF, in SiO2 is plotted in

† Note that the exponentt = 1.35 in the percolation law [37] has been
by purpose selected as that of a bidimensional glass-network structure.
This choice would imply that, in the planar fracture mechanics problem
considered in Fig. 8, the plane of applied tension has to be selected for
each boundary as coincident to the plane within which the intergranular
crack lies, any non-planar configuration of the crack being neglected.

Figure 10 Equivalentlength, 2ae, of a phase-boundary crack as a func-
tion of the F-content,xF. The function is established according to the
probability approach described in Section 5.2.

Fig. 10. Combining the fracture mechanics results from
Equations 6–14 (i.e., the plot forφ= 0◦ in Fig. 9) with
the statistical crack length of Equation 15 (i.e., Fig. 10),
and enforcing the theoretical dependence of the residual
stress,〈σ i 〉, uponxF (cf. broken lines in Fig. 6), an equa-
tion relating the stress intensity factor, associated with
an isolated intergranular crack,K (s)

I =Y〈σ 〉(2ae)1/2,
and the F amount,xF, can be found. This relation is
shown in Fig. 11, for the Si3N4/SiC composite. Two
straight lines are also drawn to envisage the interval
within which the bulk value of toughness,KIc, of the
SiO2 glass was experimentally found upon F addi-
tion. The interceptions of theKIc lines with theK (s)

I
curve locate a (narrow) abscissa interval of critical F-
concentrations (i.e., of criticalequivalentmicrocrack
size) above which a percolated chain of broken Si-O
bonds can propagate unstably upon cooling down from
HIPing temperature. This propagation will generate a
microcrack of size comparable with that of the platelet
dispersoid. Obviously, the case of an isolated crack of
length, 2ae, at the interface may have little statistical rel-
evance when a homogeneous distribution of F-dopant is

Figure 11 Theoretically determined stress intensity factor,KI , associ-
ated to the coalescence process of non-bridged SiO2 clusters, as a func-
tion of the F-amount in SiO2 glass. Two limiting cases corresponding
to the configuration of an isolated and an infinite array of cracks are
considered. The experimentalKIc range found for F-doped glass is also
shown for comparison.
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Figure 12 Linear array of coalesced non-bridged SiO2 clusters (i.e., equivalent cracks) in the SiO2 network at the phase boundary. The geometrical
parameters used in the fracture mechanics calculation are also envisaged. F atoms are depicted as shaded circles, while close and open circles locate
Si and O atoms, respectively.

present along the interfacial glassy film. Hence, theK (s)
I

curve for an isolated crack in Fig. 11 can only represent
a lower boundary solution of the actual micro-cracking
problem. A more realistic picture of the glass interface
doped with F will envisage the glassy film as containing
two or more aligned cracks of length, 2ae. A schematic
of the cracked SiO2-network is depicted in Fig. 12. In
order to assess an upper boundary for theKI value of
the cracked interface, an infinite array of planar cracks
is considered, in which the ratioκ = 2ae/W represents
the fraction of cracked interface (cf. Fig. 12) and is dic-
tated by the statistically “worst” crack configuration.
Such a configuration consists of all cracks of length
2ae, perfectly aligned along the interface (i.e.,φ= 0◦).
In addition, the ratioκ is set equal to the fraction of
“open” SiO2 clusters per unit interface length‡, namely:

κ = nb/nt = (xF/2)ε ∗ 2ha0 (16)

wherenb is the number of non-bridged SiO2 clusters
per unit length andnt= 1/a0 is the total number of
SiO2 clusters per unit length; the phase-boundary
thickness is taken as 2h≈ 4 nm andε= 16.12 nm−2

is the number of Si-O bonds per unit area of SiO2
network [38]. The stress intensity factor associated
with the crack array,K (a)

I , is then given as [39]:

K (a)
I = 0.826 K (s)

I [π/(1− κ)]1/2 (17)

‡ Note that, in the present theoretical assessment, the choice of the crack
plane is not random but is dictated by the most severe configuration
of the interfacial crack array. This justifies the choice of displaying a
planar array of cracks whose length is a three-dimensionally averaged
crack length (i.e., 2ae).

From Equations 16 and 17 and theK (s)
I curve of Fig. 11,

the upper-limit stress intensity factor,K (a)
I , for the

phase-boundary crack array can be calculated as a func-
tion of the F content. The results of this calculation
are displayed in Fig. 11. The crack-array configura-
tion leads to a a critical F content in SiO2≈ 5.9%. It
is conceivable that the actual stress intensity factor for
all the possible phase-boundary crack configurations
displays a valueK (s)

I < KI < K (a)
I . The critical F con-

tent,x∗F≈ 8.1 at %, experimentally found for the present
composites, reasonably lies between the theoretically
predicted values. The theoretical analysis appears also
able to consistently explain the presence of a sponta-
neous process of phase-boundary microcracking as ex-
perimentally found for large additions of F-dopant, in
spite of the fact that the bulk toughness of the inter-
granular glassy phase is not markedly altered by the in-
corporation of F. The theoretical analysis also envisages
that the decreasing of relaxation temperature of the in-
tergranular film upon F addition, as well as the possible
back-stresses associated with the cooling process un-
der pressure, may play only a minor role on microcrack
formation, as compared to the chemistry-related mod-
ification of the glass network. Both experimental and
theoretical results strongly suggest that a Si-O broken-
bond percolation process at the intergranular SiO2 film
is the mechanism whichamplifiesthe effect of inter-
granular chemistry and triggers spontaneous microc-
rack formation in the present composites.

5.3. Macroscopic toughness
of the composites

In a previous study of the present composites [12],
the dependence of the macroscopic fracture energy,
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WOF, on the microscopic (apparent) fracture energy
of the phase boundary,γi , was experimentally ana-
lyzed. An order-of-magnitude estimate of theapparent
phase-boundary energy was provided by quantitative
fractography data which, for gaining statistical valid-
ity, were collected over the entire fractured surface of
each composite specimen. It was found that the macro-
scopic fracture energy of the composite first increases
while decreasing the microscopic phase-boundary en-
ergy; then, saturation occurs at around a few J/m2 and,
finally, a sudden drop-down is found within a very nar-
row range ofγi values below≈1 J/m2. These experi-
mental data are shown in Fig. 13. It can be interesting
here to compare these data with those predicted by the
present analysis, based on a micromechanical rather
than phenomenological approach. The apparent frac-
ture energy of the F-doped SiO2 phase-boundary can
be estimated according to the following equation:

γi = (KIc−1K )2(1− νg)/Eg (18)

where the fracture toughness of the bulk SiO2 glass is
assumed here asKIc= 0.72 MPa×m1/2 (i.e., the aver-
age value found experimentally, cf. Fig. 11), indepen-
dently of the F content. The factor1K , leading to an
apparentdecrease of bulk toughness, arises from the
stress intensification due both to the presence of resid-
ual stresses and to the morphology of the glass network
as modified by the F ions (cf. Fig. 12).1K is obvi-
ously function ofxF and should be comprised between
the limiting valuesK (s)

I andK (a)
I , the shape of the curve

being the same as those of the boundary curves plotted
in Fig. 11.1K is set equal toK (s)

I and, hence, calcu-
lated from Equations 15–18. Assumingx∗F≈ 8.1 at %,
as found experimentally, the dependence of WOF onγi

can be obtained from the plot in Fig. 3. The results of
this calculation, displayed in Fig. 13, show good agree-
ment with the fractographic data. This may prove that
the order of magnitude estimate ofγi , which we have
discussed in this study, is basically correct.

The present results support the idea that lowering
the phase-boundary energy by adding, for example,

Figure 13 Macroscopic fracture energy, WOF, of the composite as a
function of theapparentinterface energy,γi , as both experimentally
and theoretically determined according to fractographic data and the
percolation model described in Section 5.2, respectively.

a network-modifier anion to the intergranular glassy
phase, may lead to an increase of the composite tough-
ness. However, two important circumstances should be
also envisaged: (I) the toughening effect, as achieved
by lowering the interface energy, is a phenomenon de-
cided according to an optimumγi value; (II) a decrease
in γi of the polycrystal can be useful only in the extent
that a discrete microcrack process zone can exclusively
results in the neighborhood of the crack tip. As dis-
cussed in previous works on toughening mechanisms
in ceramic composites [13, 40], opening of interfaces
ahead of the crack tip constitutes an important precur-
sor mechanism for toughening by crack-face bridging,
which may make the material experience a rising
R-curve behavior. The occurrence of risingR-curve
behavior is indeed the main micromechanical reason
which leads to the increase in macroscopic fracture
energy in the present composite system [6]. However,
when a threshold fraction of network-modifier dopant
is exceeded, spontaneous microcracking is allowed
to occur upon cooling all over the polycrystal and
the fracture energy may drop down together with the
material stiffness, the composite body being ultimately
unbonded on the microstructural level.

6. Conclusion
The influence of a systematic modification of the inter-
face chemistry on the mechanical properties of Si3N4-
based composites was investigated. It is shown that the
addition of F anions, which modify the SiO2-glass net-
work, can lead to spontaneous microcrack formation
which, in turn, may markedly alter both the stiffness
and the macroscopic fracture energy of the material. In
this study, emphasis was placed on assessing the major
mechanism which leads to microcrack formation and in
exploring as to whether a threshold value exists for the F
amount in the SiO2 phase-boundary film which causes
spontaneous microcrack formation upon cooling. Both
experimental and theoretical assessments of the phe-
nomenon suggest that, in the present composites, the
most critical circumstance which leads to the formation
of spontaneous microcracking is a chemistry-related
intensification of the residual (tensile) microstress act-
ing on the phase boundaries. The tensile stress arises
from the mismatch in thermal expansion coefficients of
the constituent phases. Although the magnitude of the
residual stress may be not sufficient to cause fracture in
undoped phase boundaries, local stress intensification
can occur as a consequence of an atomic-scale perco-
lation process in the F-doped SiO2 network. This local
stress intensification is found to trigger spontaneous
phase-boundary fracture and to affect the macroscopic
mechanical behavior of the composite.
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